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Abstract 

Nanostructured  Cu-Ta  alloys  have  shown  promise  as  high-strength  nanocrystalline  materials  in  part  due  to  their  limited  grain  growth 
at  high  temperatures.  In  the  present  study,  Cu-Ta  alloy  powders,  synthesized  via  high-energy  cryogenic  mechanical  alloying,  were 
consolidated  into  bulk  nanostructured  specimens  using  equal  channel  angular  extrusion  (ECAE)  at  high  temperatures.  Subsequent 
micro  structure  characterization  indicated  full  consolidation,  which  resulted  in  an  equiaxed  grain  structure  for  the  Cu  matrix  along  with 
the  formation  of  fine  Ta  precipitates,  the  size  distributions  of  which  varied  both  with  composition  and  processing  temperature.  Microh¬ 
ardness,  compression  and  shear  punch  testing  indicated,  in  some  cases,  an  almost  threefold  increase  in  mechanical  properties  above  that 
predicted  by  Hall-Petch  estimates  for  pure  nanocrystalline  Cu.  Stress  relaxation  tests  substantiated  the  strain-hardening  behavior  and 
grain-size-dependent  dislocation  activity  observed  in  the  nanocrystalline  Cu-Ta  samples. 
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1.  Introduction 

Nanocrystalline  and  nanostructured  materials  have 
spawned  significant  interest  due  to  the  unique  set  of 
properties  unachievable  by  coarse-grained  polycrystalline 
materials.  However,  synthesis  and  consolidation  of  these 
nanostructured  materials  into  bulk  parts  is  often  very  chal¬ 
lenging,  attributed  in  part  to  limitations  in  processing 
methods  that  are  not  easily  scalable  (e.g.  electrodeposition, 
vapor  deposition)  or  due  to  uncontrolled  grain  growth  of 
the  non-equilibrium  structure  during  processing.  The  syn¬ 
thesis  of  novel  nanostructured  alloys  formed  from  forced 
solid  solutions  between  elemental  Cu  and  immiscible  solute 
species  has  been  the  focus  of  several  recent  studies  [1-7]. 
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These  non-equilibrium  solid  solutions  have  been  shown 
to  evolve  and  form  well-dispersed  nanoscale  composite 
alloys  upon  annealing  at  elevated  temperatures.  In  some 
cases,  the  coarsening  mechanism  observed  after  phase  sep¬ 
aration  in  such  alloys  has  been  attributed  to  the  segregation 
and  diffusion  of  the  immiscible  solute  species  along  grain 
boundaries  [2,5].  While  both  simulations  and  experiments 
indicate  remarkable  physical  properties  for  this  new  class 
of  materials  [1,5, 8, 9],  to  date  only  small-scale  testing  meth¬ 
ods  (e.g.  microhardness  measurements)  have  been  used  to 
probe  the  deformation  mechanisms  due  to  limitations  in 
producing  bulk  test  specimens.  It  is  well  known  that  there 
are  often  size  effects  in  mechanical  properties  (e.g.  micropil¬ 
lar  compression  [10]),  hence  further  work  with  bulk  consol¬ 
idated  nanostructured  Cu  alloys  can  help  to  accurately 
assess  the  representative  mechanical  properties  and 
behavior  of  bulk  parts. 
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There  are  several  processing  methods  that  can  be  used  to 
readily  produce  nanocrystalline  micro  structures  consisting 
of  solid  solutions  of  different  elements.  For  instance,  severe 
plastic  deformation  has  been  successfully  used  over  the  last 
couple  of  decades  to  generate  non-equilibrium  microstruc¬ 
tures  in  metals  [11-13].  Concurrently,  high-energy  mechan¬ 
ical  alloying  has  been  used  successfully,  and  has  become  an 
established  processing  method  for  studying  nanocrystalline 
and  non-equilibrium  solid  solutions  [11,14,15].  Recently, 
mechanical  alloying  has  been  used  to  generate  Cu-based 
powders  composed  of  immiscible  alloying  elements  such 
as  Ta  [5,9],  W  [16],  Zr  [17]  and  Nb  [18].  These  systems  have 
shown  moderate  to  extraordinarily  high  micro  structural 
stability  at  elevated  temperatures.  Despite  the  lack  of  con¬ 
sensus  on  the  exact  mechanism  of  stability,  be  it  through 
thermodynamic  mechanisms  (grain  boundary  (GB)  energy 
reduction)  or  kinetic  mechanisms  (the  dispersion  of  second- 
phase  nanoscale  particles,  which  work  as  Zener  pinning 
centers  of  the  GBs),  these  microstructures  allow  for  bulk 
nanocrystalline  samples  to  be  generated  and  tested. 

There  have  been  a  number  of  recent  findings  on  the 
thermal  stability  and  microstructure  of  a  high-strength 
nanocrystalline  Cu-Ta  alloy.  For  instance,  isothermal 
annealing  of  a  Cu-10%  Ta  alloy  ^  produced  via  high-energy 
cryogenic  mechanical  alloying  resulted  in  a  nanocrystalline, 
two-phase  composite  structure  of  spheroidal  Ta  particles 
and  nanolamellar  Ta  structures  dispersed  in  a  Cu-rich 
Cu-2%  Ta  alloyed  matrix  [5].  Grain  size  analysis  by 
X-ray  diffraction  estimated  the  size  of  the  Cu-Ta  solid 
solution  grains  and  dispersed  Ta  phases  to  be  6.7  and 
6.0  nm,  respectively.  However,  larger  Ta  particles  were  also 
observed  during  transmission  and  scanning  electron 
microscopy  (TEM  and  SEM)  imaging  of  samples  prepared 
from  as-milled  powder  particles.  During  high- temperature 
annealing,  it  was  also  reported  that  the  Cu-Ta  alloys 
undergo  phase  separation  of  the  as-milled  forced  solid 
solution  and  grain  growth  of  the  resultant  nucleating 
phases.  Recent  atom  probe  results  (not  presented  here) 
indicate  that  a  significant  volume  fraction  of  Ta  atomic 
clusters  result  from  this  decomposition  process.  After 
continued  heating  to  high  temperatures  (>600  °C),  the 
micro  structure  coarsens  and  evolves  to  a  state  composed 
of  nanocrystalline  Cu-rich  grains  and  uniformly  dispersed 
Ta  particles.  The  dispersion  contains  particles  as  small  as 
atomic  clusters  [5]  or  particles  hundreds  of  nanometers  in 
diameter,  with  their  individual  volume  fractions  being 
dependent  on  the  final  anneal  temperature  reached.  Ulti¬ 
mately,  the  Cu  grain  structure  is  sufficiently  stabilized  at 
high  temperatures  by  particle  pinning  effects,  wherein  the 
retention  of  nano-  or  ultrafine  grains  at  very  high  homolo¬ 
gous  temperatures  (97%  7%)  is  allowed  [5]. 

The  evolution  of  the  coarsening  process  should  be 
directly  related  to  the  overall  content  of  Ta  in  the  Cu-Ta 


^  Atomic  per  cent  of  Ta  is  used  as  a  convention  throughout  the  present 
work. 


alloy,  with  a  lower  thermal  stability  observed  for  lower 
Ta  concentrations.  That  is,  it  is  hypothesized  that  the  Cu 
grain  size  stability,  the  Ta  particle  size  distribution  and 
the  associated  mechanical  properties  are  expected  to  be  dif¬ 
ferent  for  Cu  alloys  with  lower  Ta  concentrations  (e.g.  1% 
Ta  used  herein)  as  compared  to  those  with  higher  amounts 
of  Ta  (e.g.  10%  Ta)  at  any  given  temperature.  In  the  pres¬ 
ent  work,  this  hypothesized  difference  in  microstructure, 
thermal  stability  and  mechanical  properties  of  lower  Ta 
concentrations  in  Cu-Ta  alloys  is  shown  to  be  the  case. 

While  the  high- temperature  stability  of  Cu-Ta  alloys 
may  inhibit  their  ability  to  be  sintered  under  conventional 
powder  processing  conditions,  the  improved  thermal  stabil¬ 
ity  over  nanocrystalline  Cu  opens  alternative  processing 
regimes.  This,  in  turn,  can  allow  for  full  densification 
and,  hence,  the  retention  of  the  unique  nanocrystalline 
structures  using  alternative  consolidation  approaches.  In 
particular,  the  combination  of  pressure  and  shear  at  ele¬ 
vated  temperatures,  as  in  hot  equal  channel  angular  extru¬ 
sion  (ECAE),  could  result  in  full  densification  of  these 
materials.  Specifically,  the  ECAE  process  subjects  a  billet 
to  a  pure  state  of  shear  as  material  flows  around  an 
L-shaped  channel  [19-23].  Moreover,  ECAE  can  be  per¬ 
formed  at  elevated  temperatures  for  any  number  of  passes 
and  the  billet  can  be  rotated  between  passes  to  provide  pre¬ 
cise  texture  control  for  the  material  [19-23].  This  mode  of 
severe  plastic  deformation  has  previously  been  very  effec¬ 
tive  in  consolidating  powders  that  have  a  very  narrow  pro¬ 
cessing  window  and  cannot  be  easily  consolidated  using 
conventional  methods,  such  as  high-hardness,  brittle  metal¬ 
lic  glass  powders  [24-26].  Using  this  laboratory-scale  tech¬ 
nique,  bulk  specimens  consolidated  from  powders  have 
been  generated  in  sizes  that  are  suitable  for  small-scale 
mechanical  testing  experiments  (on  the  order  of  0.5  cm). 

Small-scale  testing  techniques  are  an  effective  way  of 
evaluating  novel  and  scarce  materials,  as  the  quantity  of 
available  material  often  precludes  the  use  of  conventional 
testing  dimensions  and  geometries  which  require  much  lar¬ 
ger  material  volumes.  Shear  punch  testing  has  recently 
been  gaining  attention  as  one  such  technique  [27-29].  In 
addition  to  minimal  sample  preparation,  the  spatial  resolu¬ 
tion  is  quite  high,  so  only  1-2  mm^  of  surface  area  is 
required  for  an  individual  test.  In  the  past  few  years,  this 
technique  has  been  employed  to  ascertain  deformation 
mechanisms  and  characterize  material  properties  of  nano- 
crystalline  materials  by  (i)  utilizing  various  tests,  such  as 
stress  relaxation  tests,  and  (ii)  determining  the  underlying 
material  properties,  such  as  the  activation  volume  associ¬ 
ated  with  plastic  deformation  [29,30].  The  physical  activa¬ 
tion  volume  is  critical  for  determining  the  rate-controlling 
step  of  the  specific  plastic  deformation  mechanism  that 
governs  the  plastic  deformation  processes  of  nanocrystal¬ 
line  metals;  it  is  related  to  the  strain-rate  sensitivity  of  the 
material,  and  it  has  a  definite  value  and  stress  dependence 
for  each  atomic  process  [31-33]. 

The  research  objective  of  the  present  study  is  to  under¬ 
stand  the  microstructure,  thermal  stability  and  mechanical 
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behavior  of  bulk-consolidated  nanocrystalline  Cu-1%  Ta 
and  Cu-10%  Ta  alloys.  The  Cu-Ta  alloyed  powders  used 
herein  were  consolidated  using  high-temperature  ECAE 
to  form  bulk  nano  structured  composite  materials.  The 
powders  were  consolidated  and  processed  in  such  a  way 
as  to  create  different  grain  sizes,  ranging  from  60  to 
>200  nm,  with  different  particle  size  distributions  of  the 
dispersed  Ta  as  well.  The  samples  were  prepared  and  tested 
utilizing  a  small-scale  shear  punch  test  (SPT)  method  for 
quasi-static  loading  and  the  Kolsky  bar  testing  (or  Split- 
Hopkinson  pressure  bar)  technique  for  high  strain  rate 
loading.  The  reasons  for  performing  high  strain  rate  load¬ 
ing  experiments  are  twofold.  First,  to  our  knowledge,  little 
is  known  about  the  high  strain  rate  or  dynamic  mechanical 
properties  of  ultrafine-grained  and  nanocrystalline  metals, 
particularly  for  those  with  a  face-centered  cubic  structure 
[34-37],  including  Cu.  Second,  the  high  strain  rate  response 
of  structural  materials  is  of  great  importance  in  many 
areas,  including  high-speed  machining,  and  automotive 
and  defense  applications.  It  has  been  established  that  ultra- 
fine-grained  and  nanocrystalline  metals  with  body-centered 
cubic  structures  exhibit  a  unique  and  extraordinary  behav¬ 
ior  under  high  strain  rate  loading,  such  as  adiabatic  shear 
localization,  primarily  attributed  to  a  highly  elevated 
strength,  diminished  strain-hardening  capacity  and  reduced 
strain-rate  sensitivity  [31,38].  Therefore,  it  is  important  to 
ascertain  whether  such  behavior  will  also  be  exhibited  by 
an  extremely  strong  nanocrystalline  Cu. 

The  primary  interest  of  the  present  work,  however,  is  the 
mechanical  response  of  Cu-Ta  alloys,  analyzed  to  obtain 
the  activation  volume  and  identifying  the  dominant 
strengthening  and  plastic  deformation  mechanisms.  Addi¬ 
tionally,  the  effects  of  grain-size  reduction,  particle  size 
and  particle  distribution  (from  atomic  clusters  to  larger 
incoherent  precipitates)  on  the  mechanical  response  were 
of  interest.  In  the  context  of  the  ECAE  processing  method 
applied,  these  results  and  the  evolution  of  the  microstruc¬ 
ture  are  described. 

2.  Experimental  procedures 

2.7.  Cu-Ta  alloy  powder  processing 

High-energy  cryogenic  mechanical  alloying  was  used  to 
synthesize  Cu-1%  Ta  and  Cu-10%  Ta  powders.  For  each 
of  the  compositions,  appropriate  amounts  of  Cu  and  Ta 
powders  (—325  mesh,  99.9%  purity)  with  a  total  weight 
of  5  g  were  loaded  into  hardened  steel  vials  along  with 
the  milling  media  (440C  stainless  steel  balls)  with  a  ball- 
to-powder  ratio  of  10-to-l  by  weight,  and  then  sealed 
inside  a  glove  box  in  Ar  atmosphere  (oxygen  and  moisture 
are  <1  ppm).  Ball  milling  was  carried  out  in  a  SPEX 
8000  M  shaker  mill  at  cryogenic  temperatures  (verified  to 
be  196°C)  using  liquid  nitrogen.  This  was  accom¬ 
plished  by  placing  the  steel  vial  in  a  thick  polymer  sleeve 
that  was  fixed  in  the  high-energy  mill  with  a  provision 
for  liquid  nitrogen  flow  around  the  vial  via  inflow  and 


outflow  vents.  The  vial  was  equilibrated  for  20  min  to  reach 
a  temperature  of  around  -196  °C  before  the  milling  was 
started.  All  of  the  Cu-Ta  powders  were  milled  for  8  h. 
After  completion  of  the  milling  cycle,  the  vials  were  opened 
inside  the  glove  box  and  the  powders  were  stored  therein. 
This  process  was  repeated  until  a  total  powder  charge  of 
100  g  for  each  composition  was  attained.  Cryogenic 
mechanical  milling  resulted  in  an  unagglomerated  powder 
mass  with  a  particulate  size  range  of  20-100  pm.  Copper 
sheet  stock  (99%  purity)  was  used  as  a  baseline  coarse¬ 
grained  material  for  comparison. 

2.2.  Bulk  powder  consolidation  via  ECAE 

For  the  ECAE  consolidation  experiments,  the  as-milled 
powders  were  placed  into  nickel  cans  and  sealed  inside  the 
glove  box.  The  nickel  cans  were  created  by  taking  billets  of 
nickel  201  alloy  having  dimensions  of  25.4  mm  x  25.4  mm 
X  90  mm  and  drilling  an  ~10  mm  diameter  hole  (~50  mm 
length)  along  the  long  axis  of  the  billet.  This  created  a  pow¬ 
der  chamber  for  emplacing  the  as-milled  Cu-Ta  powders 
which  was  later  sealed  shut.  Prior  to  ECAE,  the  die  assem¬ 
bly  was  heated  to  350  °C.  The  nickel  cans  loaded  with 
as-milled  powders  were  equilibrated  (for  40  min)  in  a  box 
furnace  purged  with  pure  Ar  gas  at  700  and  900  °C,  respec¬ 
tively.  The  equilibrated  cans  were  then  quickly  removed 
from  the  furnace,  dropped  into  the  ECAE  tooling  and 
extruded  at  an  extrusion  rate  of  25.5  mm  s“^  This  proce¬ 
dure  was  repeated  four  times  following  route  Be  [19-23]. 
The  ECAE  tooling  had  a  channel  angle  of  90°.  The  four 
consecutive  extrusions  resulted  in  a  total  strain  of 
~450%.  Some  of  the  extruded  cans  were  then  either  serial 
sectioned  for  shear  punch  testing  or  cut  into  compression 
samples  using  wire  electric  discharge  machining.  Through 
SEM  imaging  of  the  exposed  surfaces,  the  extracted  speci¬ 
mens  were  found  to  be  fully  consolidated  samples  with  no 
evidence  of  prior  particle  boundaries  or  visible  porosity. 

2.3.  Pre-testing  sample  preparation 

For  shear  punch  and  compression  specimens,  the  fol¬ 
lowing  technique  was  used  to  prepare  the  relevant  surfaces. 
The  as-consolidated  samples  were  thinned  down  to  approx¬ 
imately  300  pm  and  polished  on  both  sides  to  a  mirror 
finish.  This  was  accomplished  by  successive  polishing  using 
a  standard  metallurgical  preparation  methodology  of 
grinding  with  300,  600,  1000,  2400  and  4000  grit  SiC  paper, 
followed  with  fine  polishing  using  alumina  pastes  com¬ 
posed  of  1  or  0.5  pm  particles  suspended  in  water.  This 
preparation  sequence  was  done  prior  to  all  mechanical  tests 
to  avoid  the  influence  of  any  surface  scratches  on  the  mea¬ 
sured  mechanical  properties. 

2.4.  Microstructural  characterization 

Micro  structural  analysis  was  performed  with  TEM 
using  a  JEOL  JEM  2100  LaB6  transmission  electron 
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microscope  operated  at  200  kV.  The  TEM  samples  were 
prepared  by  slicing  several  wafers  from  the  ECAE- 
processed  compacts.  A  Gatan  659  disk  punch  was  then 
used  to  cut  3-mm-diameter  disks  from  the  thin  wafer.  Sub¬ 
sequently,  the  disk  was  mounted  on  Gatan  623  disk  grinder 
to  further  thin  the  sample  to  ~50  pm.  Lastly,  the  specimen 
was  transferred  to  a  Gatan  656  dimple  grinder  to  further 
thin  the  middle  section.  The  final  thickness  of  the  middle 
section  of  the  specimen  was  required  to  be  less  than 
5  pm.  Finally,  a  Gatan  691  precision  ion  polishing  system 
was  used  to  obtain  electron  transparency  in  the  middle  part 
of  the  specimen. 

The  grain  size  distributions  of  both  the  Cu  matrix  and 
the  Ta  particles  or  precipitates  were  calculated  by  counting 
a  statistically  significant  number  of  grains.  In  cases  where 
the  distribution  was  found  to  be  bimodal,  a  particle  size 
of  30  nm  was  chosen  as  the  demarcation  point  to  separate 
the  two  modes. 

2.5.  Mechanical  property  measurements 

Standard  Vickers  microhardness  measurements  were 
performed  on  a  Wilson  Hardness  Tukon  1202  equipped 
with  a  lOOOX  lens  system  and  performed  under  ambient 
conditions  with  a  load  of  50  gf  and  a  loading  time  of 
10  s.  The  quasi-static  compression  experiments  were 
performed  on  an  MTS  810  hydro-servo  loading  system 
(with  a  self-alignment  feature)  at  a  strain  rate  of 
8  X  10“"^  s“^  The  dimensions  of  the  cuboid-shaped  sam¬ 
ples  for  quasi-static  compression  were  approximately 
5.0  mm  X  2.5  mm  x  2.5  mm.  The  loading  and  side  faces 
of  the  specimens  were  well  polished  before  performing 
the  experiments  (Section  2.4).  The  interface  between  the 
loading  faces  and  the  tungsten  carbide  platens  was  care¬ 
fully  lubricated  to  mitigate  any  friction  effects.  The  strain 
rate  of  quasi-static  compression  was  controlled  by  the 
cross-head  speed  of  the  loading  system.  Dynamic  high 
strain  rate  (~10^  s“^)  compression  tests  were  performed 
using  a  standard  Kolsky  bar  system  operated  under  ambi¬ 
ent  conditions.  In  this  experiment,  a  stress  wave  is  gener¬ 
ated  in  an  elastic  input  bar  by  the  impact  of  a  striker  bar 
launched  from  a  gun  barrel  by  pressurized  gas  released 
from  a  gas  tank.  The  stress  wave  travels  down  the  input 
bar  and  loads  the  specimens,  which  are  sandwiched 
between  the  input  and  output  bars.  Part  of  the  stress  wave 
is  reflected  into  the  input  bar  and  part  of  it  is  transmitted 
into  the  output  bar.  The  coaxial  striker  and  the  input 
and  output  bars  consist  of  high-strength  maraging  steel, 
all  having  the  same  diameter.  Strain  gauges  are  attached 
to  the  input  and  output  bars,  and  the  wave  signals  are 
recorded  by  an  ultrahigh- speed  multi-channel  oscilloscope. 
Processing  of  the  reflected  and  transmitted  wave  signals 
results  in  the  high  strain  rate  (~10^  s“^)  stress-strain  curves 
of  the  specimen.  The  post-loaded  specimens  may  be  recov¬ 
ered  for  examination  to  obtain  information  regarding 
ongoing  dynamic  plastic  deformation  or  failure  mecha¬ 
nisms.  The  principles,  precautions  and  caveats  for  using 


this  technique  can  be  found  in  the  recent  monograph  by 
Song  and  Chen  [39],  or  in  standard  handbook  articles 
[40,41]. 

Shear  punch  testing  is  a  small-scale  specimen  testing 
technique;  the  primary  advantage  of  the  technique  is  the 
small  volume  of  sample  that  is  required  for  testing.  Fig.  1 
shows  the  SPT  apparatus  used  in  the  current  characteriza¬ 
tion  effort.  An  Instron  1123  load  frame  equipped  with  a 
5  kN  load  cell  was  used  to  perform  a  standard  shear  punch 
test,  as  well  as  three  different  types  of  relaxation  test 
(Single,  Type  I  and  Type  II).  Fig.  1  shows  the  three  stress 
relaxation  test  types  utilized  in  the  present  work.  The  Sin¬ 
gle  relaxation  test  simply  ramps  to  an  initial  load,  then 
measures  the  relaxation  of  that  load  with  time.  The  Type 

I  relaxation  test  successively  ramps  the  stress  to  levels 
above  the  yield  strength  at  a  particular  time  interval  and 
measures  the  relaxation  of  that  stress  with  time  (all  within 
the  same  test),  with  the  later  stress  being  higher  than  the 
earlier  stress  between  two  consecutive  ramps.  The  Type  II 
relaxation  test  successively  ramps  to  the  same  stress  level 
(above  the  yield  strength)  at  a  particular  time  interval 
and  measures  the  relaxation  of  that  stress  with  time  (all 
within  the  same  test).  In  this  manner,  the  Type  I  and  Type 

II  relaxation  tests  measure  the  relaxation  response  associ¬ 
ated  with  micro  structure  evolution  (and,  in  some  instances, 
strain  hardening)  from  prior  relaxation  cycles.  While  the 
shear  stress  can  be  calculated  from  the  load,  the  complex 
strain  state  prevents  a  true  measure  of  strain;  thus,  while 
this  is  not  a  “true”  stress-strain  curve,  as  with  other  tech¬ 
niques,  valuable  information  can  still  be  gleaned  from  these 
experiments  (e.g.  yield  shear  stress,  ultimate  shear  stress, 
activation  volumes).  For  instance,  the  present  experiments 
were  used  to  obtain  the  apparent  activation  volume  G-, 
which  is  influenced  by  changes  in  the  mobile  dislocation 
density,  and  the  physical  activation  volume,  F*,  which  is 
influenced  by  the  constant  mobile  dislocation  density  val¬ 
ues.  The  physical  activation  volume  is  a  critical  parameter 
for  determining  the  specific  deformation  mechanisms  gov¬ 
erning  ductility  in  nanocrystalline  metals  and  is  related  to 
the  strain-rate  sensitivity  of  the  microstructure  through 
the  following  relationships  [31,42]: 


d\nT 

dlni: 


m  •  T 


(1) 

(2) 


Eq.  (1)  provides  the  formula  for  the  derivation  of  the 
strain-rate  sensitivity  (m)  based  on  stress  relaxation  exper¬ 
iments,  where  t  is  the  rate  of  change  of  the  shear  stress 
during  the  stress  relaxation.  In  Eq.  (2)  T  and  k  are  the  tem¬ 
perature  and  the  Boltzmann  constant.  Since  measurement 
of  the  strain-rate  sensitivity  and  the  activation  volume  usu¬ 
ally  assumes  a  constant  micro  structure,  only  the  data  in  the 
early  stage  of  the  stress  relaxation  can  be  used.  Stress  relax¬ 
ation  tests  were  performed  on  disk-shaped  samples  using 
the  SPT  apparatus.  The  measured  activation  volumes  in 
both  of  the  Cu-Ta  alloys  shed  light  on  the  operating  plastic 
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Fig.  1.  The  SPT  apparatus,  with  the  punch,  specimen  and  tungsten  carbide  platen  in  place  (left);  and  the  three  different  types  of  stress  relaxation  tests 
(Single,  Type  I  and  Type  II)  utilized  in  the  present  experiments  (right).  Note  the  differences  in  the  relaxation  tests:  stress  is  successively  ramped  in  Type  I 
relaxation  tests,  whereas  the  stress  is  maintained  at  a  fixed  level  in  Type  II  relaxation  tests. 


deformation  mechanisms.  More  information  on  the  SPT 
methodology  and  measurements  can  be  found  in  the  liter¬ 
ature  [29-32].  All  the  standard  SPTs  were  done  at  room 
temperature  using  small  disk- shaped  samples  with  a  diam¬ 
eter  of  1.0  mm  at  a  displacement  rate  of  (0.01  in  min“^). 

3.  Results 

3.1.  Micro  structure  characterization 

Typical  micro  structures  for  ECAE-processed  Cu  alloys 
containing  1  and  10%  Ta,  consolidated  at  different  temper¬ 
atures,  are  presented  in  Fig.  2.  Specifically,  the  three 
different  Cu-Ta  samples  analyzed  were:  (i)  Cu-1%  Ta  sam¬ 
ple,  ECAE  processed  at  700  °C  (Fig.  2a);  (ii)  Cu-10%  Ta, 
ECAE  processed  at  900  °C  (Fig.  2b);  and  (in)  Cu-10% 
Ta,  ECAE  processed  at  700  °C  (Fig.  2c).  These  alloy 
samples  are  heretofore  referred  to  as  Cu-lTa-700  °C, 
Cu-lOTa-900  °C,  and  Cu-lOTa-700  °C,  respectively.  A 
fourth  sample  of  pure,  coarse-grained  Cu  (not  shown  in 
Fig.  2)  with  an  average  grain  size  of  10  pm  (determined 
by  optical  microscopy)  has  been  included  for  reference. 
The  corresponding  histograms  for  the  Cu  matrix  grain  size 
with  the  relevant  statistics  for  all  three  Cu-Ta  alloys  are 
provided  in  Fig.  3. 

The  grain  growth  of  the  Cu  matrix  in  all  three  Cu-Ta 
alloys  is  quite  limited,  despite  the  very  high  consolidation 
temperatures  used  during  the  ECAE  process.  The  Cu 
matrix  grains  for  all  of  the  samples  are  equiaxed  in  nature. 
Further,  as  shown  in  Fig.  3,  the  Cu-lOTa-900  °C  has  a 


wider  grain  size  distribution  (up  to  500  nm)  than  the  other 
two  Cu-Ta  alloys,  which  were  consolidated  at  the  lower 
temperature  of  700  °C.  When  comparing  the  microstruc¬ 
tures  of  Cu-lOTa-900  °C  and  Cu-lOTa-700  °C  to  those 
reported  earlier  [5,9]  that  were  heated  to  similar  tempera¬ 
tures,  the  ECAE  consolidated  micro  structures  have  under¬ 
gone  more  coarsening  due  to  process  consolidation.  For 
instance,  the  ECAE-processed  Cu-lOTa-900  °C  sample 
has  a  mean  grain  size  of  213  nm,  which  is  significantly 
larger  than  that  reported  for  Cu-10%  Ta  annealed  at 
900  °C,  or  even  at  the  1040  °C  discussed  in  Ref.  [5].  The 
mean  Cu  matrix  grain  sizes  of  the  ECAE-processed 
Cu-lTa-700  °C  and  Cu-lOTa-700  °C  samples  are  168  and 
70  nm,  respectively. 

Analysis  of  these  and  other  micrographs  indicates  that 
precipitation  of  Ta  occurs  throughout  the  entire  micro¬ 
structure  (Fig.  2a-c).  The  Ta  precipitates  are  circled  in 
the  figure  for  identification  relative  to  the  Cu  matrix  grains. 
The  precipitates  are  observed  within  the  Cu  matrix  grains 
as  well  as  at  the  grain  boundaries  for  both  Cu-lOTa- 
700  °C  and  Cu-lOTa-900  °C,  irrespective  of  the  consolida¬ 
tion  temperature.  However,  the  precipitation  of  Ta  is  not 
as  clearly  discernible  in  the  Cu-lTa-700  °C  alloy 
(Fig.  2a).  Fig.  4  provides  the  Ta  particle  size  histograms 
for  all  three  samples  after  ECAE  processing.  Additionally, 
Table  1  provides  the  collective  statistics  from  Figs.  3  and  4, 
together  with  a  summary  of  our  significant  findings  for 
both  the  Cu  matrix  grain  size  and  Ta  particle  size  for  the 
three  samples.  A  bimodal  particle  size  distribution  exists 
for  the  two  10%  Ta  samples;  therefore,  for  these  samples 
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Fig.  2.  TEM  images  of  the  Cu-Ta  microstmctures  of  the  as-ECAE- 
consolidated  composites:  (a)  Cu-lTa-700  °C,  (b)  Cu-lOTa-900  °C  and  (c) 
Cu-lOTa-700  °C.  Circles  identify  the  Ta  precipitates  for  the  Cu-lTa- 
700  °C  (blue),  Cu-lOTa-900  °C  (red)  and  Cu-lOTa-700  °C  (black)  sam¬ 
ples.  Note  the  effect  of  Ta  concentration  and  ECAE  consolidation 
temperature  the  Ta  precipitate  size.  (For  interpretation  of  the  references  to 
colour  in  this  figure  legend,  the  reader  is  referred  to  the  web  version  of  this 
article.) 
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Fig.  3.  Cu  matrix  grain  size  histograms  for  the  Cu-Ta  alloys:  Cu-lTa- 
700  °C  (top),  Cu-lOTa-900  °C  (middle)  and  Cu-lOTa-700  °C  (bottom). 
The  grain  size  distributions  of  the  first  two  alloys,  Cu-lTa-700  °C  and 
Cu-lOTa-900  °C,  are  roughly  similar,  while  the  grain  size  distribution  for 
the  third,  Cu-lOTa-700  °C,  has  shifted  to  a  much  finer  grain  size. 


two  sets  of  means  are  provided.  With  increasing  consolida¬ 
tion  temperature,  the  average  of  these  distributions 
increases  and  the  distribution  becomes  more  spread  out. 
It  is  interesting  to  note  that  for  all  three  samples,  Cu- 
lTa-700  °C,  Cu-lOTa-900  °C  and  Cu-lOTa-700  °C,  there 
are  a  large  number  of  fine  particles  with  a  diameter  of 
approximately  10  nm.  In  the  case  of  Cu-lTa-700  °C,  the 
distribution  of  Ta  particles  is  almost  entirely  composed 
of  these  smaller  Ta  precipitates.  That  is,  as  the  concentra¬ 
tion  of  Ta  is  decreased  from  10%  to  1%,  the  distribution 
is  restricted  to  only  the  smaller  Ta  precipitates.  As  such, 
it  is  expected  that  the  coarsening  kinetics  of  the  Ta  particles 
will  be  heavily  reduced  in  the  1%  Ta  samples  due  to  the 
lack  of  available  Ta  solute  required  for  coarsening. 

Fig.  5  provides  higher  resolution  TEM  bright-field 
images  showing  the  bimodality  of  the  Ta  particle  distribu¬ 
tion  in  the  Cu-lOTa-900  °C  alloy.  Interestingly,  in  both  of 
the  10%  Ta  samples,  the  Ta  particles  that  occupy  GB  posi¬ 
tions  (marked  with  red  dots)  are  significantly  larger  than 
particles  trapped  in  the  Cu  grain  lattice  (surrounded  by 
red  circles).  This  phenomenon  can  be  explained  by  the 


ability  of  Ta  atoms  to  diffuse  along  grain  boundaries  in 
contrast  to  the  Cu  lattice,  where  diffusion  of  the  dispersed 
Ta  atoms  is  extremely  slow,  even  at  temperatures  near  the 
7%  of  Cu  [9].  Hence,  the  resultant  Ta  particle  distribution 
of  the  samples  can  range  in  size  from  a  few  nanometers 
to  >100  nm.  In  addition  to  the  TEM  observations,  the 
authors’  recent  unpublished  atom  probe  investigations  of 
Cu  with  10%  Ta  confirm  that  a  significant  volume  fraction 
of  Ta  atomic  clusters  resides  within  the  Cu  matrix.  Such  a 
wide  size  distribution  lends  itself  to  a  complex  range  of 
hardening  mechanisms  operating  to  strengthen  the  matrix; 
this  has  been  seen  in  the  analogous  y'  precipitate  strength¬ 
ening  of  Ni-based  superalloys  [43,44]. 

3.2.  Mechanical  properties 

3.2.1.  Indentation 

Table  2  displays  the  mechanical  property  data  (com¬ 
puted  compression  and  shear  yield  strengths)  obtained 
from  indentation  tests,  which  indicates  that  the  microhard¬ 
ness  of  Cu-lOTa-700  °C  is  much  higher  than  that  of  the 
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Fig.  4.  Ta  particle  size  histograms  of  the  three  Cu-Ta  alloys:  Cu-lTa- 
700  °C  (top),  Cu-lOTa-900  °C  (middle)  and  Cu-lOTa-700  °C  (bottom). 
The  latter  two  alloy  samples  have  a  bimodal  Ta  particle  size  distribution, 
so  two  sets  of  grain  size  statistics  are  provided  for  these  two  samples.  The 
lower  initial  Ta  concentration  for  Cu-lTa-700  °C  sample  may  contribute 
to  the  absence  of  the  larger  Ta  particles. 


other  samples.  In  contrast,  the  microhardness  of 
Cu-lTa-700  °C  is  quite  close  to  that  of  Cu-lOTa-900  °C 
(~2.1  GPa).  This  information  complements  the  microstruc¬ 
ture  evaluation  with  respect  to  the  Cu  matrix  grain  size  and 
the  Ta  particle  size.  The  Cu-lOTa-900  °C  sample  has  a  lar¬ 
ger  mean  grain  size  and  wider  grain  size  distribution,  and  it 


also  has  a  much  larger  volume  fraction  of  the  Ta  phase,  be 
it  in  the  form  of  clusters  or  Ta  particles.  This  fact  may  com¬ 
pensate  for  any  loss  in  GB  strengthening  when  compared 
to  the  narrower  grain  size  distribution  of  the  Cu-lTa- 
700  °C  sample.  However,  in  the  end,  both  samples  contain 
an  appreciable  amount  of  strengthening  due  to  Ta,  though 
probably  from  different  mechanisms.  Comparison  of  the 
hardness  of  these  ECAE-processed  Cu-Ta  samples  to  pure 
nanocrystalline  Cu  of  similar  grain  size,  collected  from  lit¬ 
erature  data,  indicates  a  strength  increase  by  greater  than  a 
factor  of  two  (~1  GPa  for  pure  Cu  vs.  ^2.1-3.75  GPa  for 
the  Cu-Ta  alloys)  through  the  presence  of  Ta  [34]. 

The  exact  role  of  the  coarser  Ta  precipitates  (i.e.  in  the 
Cu-lOTa-900  °C  sample)  is  not  obvious  from  the  hardness 
data  presented.  It  is  expected  that  larger,  incoherent  parti¬ 
cles  would  contribute  only  marginally  to  strengthening  as 
compared  to  the  effect  of  the  Cu  matrix  grain  size  [16,45- 
47].  Further,  the  coarsening  kinetics  of  Ta  at  higher  tem¬ 
peratures  (900  °C)  may  actually  limit  the  volume  fraction 
of  small,  coherent  particles  in  the  10%  samples  as  the  tem¬ 
perature  increases.  This,  in  turn,  may  actually  decrease  the 
strength  of  the  sample.  However,  this  is  not  the  case  for  low 
temperatures  and/or  lower  Ta  concentration  samples, 
where  the  growth  of  these  small  Ta  precipitates  is  kineti- 
cally  hindered.  This  is  supported  by  the  extremely  high 
hardness  and  mechanical  properties  exhibited  by  the  Cu- 
lOTa-700  °C.  Recall  that  this  sample  has  a  mean  grain  size 
of  70  nm  and  a  much  smaller  average  Ta  particle  size  com¬ 
pared  to  the  Cu-lOTa-900  °C  sample.  The  Cu-lOTa- 
700  °C  exhibits  a  hardness  value  of  3.75  GPa  (see  Table  1), 
which  is  significantly  higher  than  both  the  Cu-lTa-700  °C 
and  Cu-lOTa-900  °C  samples;  this  is  almost  three  times 
that  of  nanocrystalline  pure  Cu  of  the  same  grain  size. 
Though  counterintuitive  at  first,  this  demonstrates  the 
remarkable  efficiency  at  which  a  smaller  Ta  particle  volume 
fraction  can  strengthen  the  Cu  matrix,  well  above  what 
could  be  provided  by  Hall-Petch  strengthening  alone. 

3.2.2.  Quasi-static  and  dynamic  compression  testing 

Fig.  6  shows  the  compression  test  curves,  (a)  quasi-static 
(8.0  X  10“"^  s“^)  and  (b)  dynamic  (4.0  x  10^  s“^),  for  all 


Table  1 

Microstmcture  statistics  of  the  ECAE  consolidated  Cu-Ta  alloys. 


Property 

Statistic 

Cu-lTa-700  °C 

Cu-lOTa-900  °C 

Cu-lOTa-700  °C 

Cu  grain  size 

Mean 

168 

213 

70 

SD 

53 

67 

25 

Min 

79 

75 

24 

Max 

362 

513 

178 

Count 

113 

245 

240 

<30  nm* 

>30  nm 

<30  nm 

>30  nm 

<30  nm 

>30  nm 

Ta  particle  size 

Mean 

11 

- 

17 

122 

7 

40 

SD 

4 

- 

7 

55 

4 

15 

Min 

5 

- 

6 

37 

2 

17 

Max 

29 

- 

36 

267 

17 

111 

Count 

235 

- 

87 

152 

87 

127 

30  nm  was  chosen  as  the  demarcation  point  for  the  observed  bimodal  particle  size  distribution.  All  units  in  nm  except  for  counts. 
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Fig.  5.  High-magnification  bright-field  TEM  images  of  Cu-lOTa-900  °C,  showing  the  nature  of  the  bimodal  Ta  particle  size  distribution  with  (a)  coarser 
particles  and  (b)  considerably  finer  particles  or  clusters.  There  is  an  about  tenfold  size  difference  between  the  two  sets  of  particles. 


Table  2 

Mechanical  properties  (GPa)  of  the  ECAE  consolidated  Cu-Ta  alloys  along  with  nanocrystalline  copper  and  tantalum  [34,51-53,56,57]. 


Property 

Symbol 

Cu-lTa  700  °C 

Cu-lOTa  900  °C 

Cu-lOTa  700  °C 

NC  pure  Cu 

NC  pure  Ta 

HV 

2.12 

2.12 

3.75 

2.55 

4.1  O'* 

1.35 

2.50^ 

1.05 

HV/6 

0.35 

0.35 

0.62 

0.43 

0.68 

0.23 

0.42 

0.18 

^ys 

0.40 

0.39 

0.65 

0.33'" 

- 

SPT 

^us 

0.43 

0.45 

0.69 

0.42'" 

- 

a 

1.75 

1.71 

1.69 

1.77'" 

- 

HV/3 

0.70 

0.70 

1.23 

0.85 

1.36 

0.45 

0.83 

0.35 

QS 

^ ys 

0.70 

0.66 

1.10 

0.80" 

1.30" 

0.45" 

0.90" 

0.35" 

^0.1 

0.80 

0.80 

1.29 

- 

1.60 

0.95 

DY 

O'O.l 

0.99 

0.99 

1.47 

0.88-0.55^ 

2.00 

1.20^ 

The  mechanical  properties  listed  are  from  Vickers  hardness  testing  (HV),  shear  punch  testing  (SPT),  quasistatic  compression  testing  (QS)  and  dynamic 
compression,  Split-Hopkinson  bar  testing  (DY).  HV/3  and  HV/6  correlate  with  compression  and  shear  yield  strengths  respectively,  a  is  the  ratio  of 
the  yield  strength  in  quasistatic  compression  tests  to  that  in  shear  punch  tests.  The  ultimate  stress  and  flow  stress  at  10%  strain  are  represented  as  and 
(7o.i,  respectively. 

^  Nanocrystalline  pure  Cu:  QS  Gys  [34].  Values  for  HV,  HV/3  and  HV/6  are  converted  from  the  given  yield  values.  The  grain  sizes  for  these  values  are  5, 
70  and  250  nm,  respectively. 

^  Nanocrystalline  pure  Cu:  SPT  data  [51].  Grain  size  for  the  reported  electrodeposited  nanocrystalline  Cu  is  74  nm. 

^  Nanocrystalline  pure  Cu:  DY  oq  i  [52,53].  Grain  sizes  for  these  values  are  ~35  and  ~300  nm. 

^  Nanocrystalline  pure  Ta:  HV  [56].  Values  for  HV/3  and  HV/6  are  converted  from  the  given  HV  values.  Grain  sizes  for  these  values  are  56  and  160  nm, 
respectively. 

^  Nanocrystalline  pure  Ta:  QS  Oys  and  oq  i  [56,57].  Grain  sizes  for  these  values  are  44  and  250  nm. 

^  Nanocrystalline  pure  Ta:  DY  (To.i  [56,57].  Grain  sizes  for  these  values  are  44  and  250  nm. 


three  ECAE-consolidated  Cu-Ta  alloy  samples.  Table  2 
also  includes  the  compression  test  data  for  Cu-Ta  samples 
tested  at  these  strain  rates.  At  both  strain  rates,  the  yield 
stresses  of  Cu-lOTa-900  °C  and  Cu-lTa-700  °C  are  com¬ 
parable,  and  support  our  earlier  observations  in  terms  of 
the  grain  size  and  hardness.  More  specifically,  comparing 
the  behavior  at  both  rates,  the  Cu-lOTa-900  °C  sample 
shows  a  slow  and  continuous  (almost  elastic  perfectly 


plastic)  strain-hardening  behavior  with  increasing  plastic 
strain.  This  can  be  attributed  to  the  presence  of  the  large 
(500  nm)  grains,  which  may  accommodate  a  small  amount 
of  strain  hardening.  Initially,  within  the  first  2%  of  strain, 
the  Cu-lTa-700  °C  sample  exhibits  slightly  more  strain 
hardening,  which  is  followed  by  a  more  constant  stress 
region,  but  is  still  very  similar  to  the  Cu-lOTa-900  °C 
sample. 
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Fig.  6.  True  stress-true  strain  compression  curves  for  the  three  alloy  samples,  Cu-lTa-700  °C,  Cu-lOTa-900  °C  and  Cu-lOTa-700  °C,  at  (a)  quasistatic 
(8.0  X  10“"^  s“^)  and  (b)  dynamic  strain  rates  (4.0  x  10^  s“^).  The  Cu-lTa-700  °C  and  Cu-lOTa-900  °C  samples  exhibit  similar  strength  and  plasticity 
values  at  both  strain  rates,  while  the  Cu-lOTa-700  °C  sample  is  considerably  stronger,  but  with  less  plasticity. 


In  contrast,  similar  to  that  observed  in  the  hardness 
data,  the  Cu-lOTa-700  °C  sample  has  much  higher  yield 
strengths  at  both  strain  rates.  At  the  onset  of  plasticity, 
there  is  a  small  amount  of  rapid  transient  strain  hardening, 
followed  by  a  pronounced  strain-softening  behavior,  espe¬ 
cially  at  the  dynamic  rate.  Additionally,  in  terms  of  plastic 
deformation  beyond  yield,  the  Cu-lOTa-700  °C  sample  has 
a  significantly  lower  amount  of  compressive  plasticity  in 
contrast  to  the  Cu-lOTa-900  °C  and  Cu-lTa-700  °C 
samples. 

Previous  studies  suggest  that  a  fine  grain  size  can  lead 
to  a  limited  amount  of  dislocation-based  deformation  in 
most  metals  [34,48,49],  including  Cu.  Recent  work  on 
confined  cryorolling  of  nanocrystalline  Ni  (grain  size 
^20  nm)  indicates  strong  strain-hardening  behavior  due 
to  the  profuse  formation  of  Lomer-Cottrell  locks  [50]; 
this  is  because  confined  rolling  rules  out  the  possibility 
of  tensile  instability,  which  would  otherwise  be  the  pri¬ 
mary  reason  for  the  absence  of  strain  hardening  in  nano¬ 
crystalline  metals.  Earlier  reports  on  nanocrystalline  Cu 
with  a  grain  size  below  100  nm  have  also  shown  either  a 
limited  strain-hardening  behavior  right  after  the  yield 
point  or  no  strain  hardening  at  low  strain  rates,  due  both 
to  a  rapid  saturation  of  dislocation  activity  in  the  material 
and  to  the  early  onset  of  plastic  instability,  which  leads  to 
premature  fracture  of  the  specimen.  However,  at  dynamic 
strain  rates,  the  strain-softening  behavior  is  more  pro¬ 
nounced,  and  is  likely  attributable  to  dynamic  recovery 
or  the  associated  adiabatic  temperature  rise.  The  melting 
point,  Tin,  of  Cu  is  1083  °C  (1356  K),  and  even  a  slight 
temperature  rise  above  ambient  conditions  (i.e.  300  K) 
represents  a  nominally  high  homologous  temperature 
(for  Cu,  this  is  about  ~l/4  T^).  The  calculation  of  the 
adiabatic  temperature  rise  is  more  significant  if  there  is 
also  an  increase  in  material  strength  and  total  ultimate 
strain;  in  the  case  of  Cu-lOTa-700  °C,  this  rise  in  proper¬ 
ties  could  be  caused  by  the  much  smaller  grain  size  of  the 
Cu  matrix. 

The  compressive  properties  of  the  ECAE-processed 
Cu-Ta  samples  are  much  higher  than  those  of  the  pure 


nanocrystalline  Cu  samples  (see  Table  2).  The  strength  of 
pure  Cu  for  a  grain  size  of  70  nm  is  450  MPa,  and  the 
strength  for  a  grain  size  of  250  nm  is  350  MPa  [34].  The 
other  data  points  in  the  table  are  for  pure  Cu  under  differ¬ 
ent  conditions,  which  are  taken  from  relevant  references 
[34,51-57].  As  shown  in  the  table,  the  Cu-lOTa-900  °C 
and  Cu-lTa-700  °C  samples  show  modest  increases  of  a 
few  hundred  megapascals  compared  to  nanocrystalline 
pure  Cu  of  the  same  grain  size.  However,  the  Cu-lOTa- 
700  °C  sample  (70  nm  grain  size)  has  a  yield  strength  of 
^1100  MPa  (more  than  a  100%  increase  over  that  of  pure 
Cu).  Thus,  when  the  minor  effect  of  strengthening  provided 
by  the  grain  size  difference  from  70  to  250  nm  (~100  MPa, 
Hall-Petch  relation)  is  considered,  there  is  a  much  greater 
amount  of  hardening  in  the  Cu-lOTa-700  °C  sample, 
which  cannot  be  accounted  for  by  Hall-Petch  strengthen¬ 
ing  alone.  Again,  this  analysis  indicates  that  the  strength 
increase  is  related  not  only  to  the  Cu  matrix  grain  size, 
but  also  to  the  Ta  precipitates;  their  role  on  the  strength 
of  the  matrix  must  also  be  considered. 

Another  observation  may  be  made  from  the  quasi-static 
and  dynamic  stress-strain  curves  of  these  three  samples; 
they  all  show  a  significant  strain  rate  dependence.  A  more 
quantitative  description  of  the  strain  rate  dependence  and 
the  activation  volumes  associated  with  the  plastic  deforma¬ 
tion  of  these  samples  will  be  provided  subsequently.  Under 
dynamic  loading,  all  specimens  exhibit  either  an  elastic- 
perfectly  plastic  behavior  (Cu-lTa-700  °C  and  Cu-lOTa- 
900  °C)  or  a  flow-softening  behavior  (Cu-lOTa-700  °C). 
We  believe  that  this  is  due  to  the  adiabatic  temperature  rise 
during  dynamic  loading,  where  the  time  frame  is  so  short 
that  the  heat  generated  from  mechanical  work  cannot  dif¬ 
fuse  out  of  the  specimen.  Usually,  the  following  equation 
can  be  used  to  estimate  the  adiabatic  temperature  rise  dur¬ 
ing  dynamic  loading: 

AT  =  [  (jds  (3a) 

pcp  Jo 

For  the  specimens  of  this  work  that  exhibit  elastic- 
perfectly  plastic  behavior,  Eq.  (3  a)  reduces  to 
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AT  =  -^(7  •  Sf  (3b) 

pcp 

In  Eqs.  (3a)  and  (3b),  AT  is  the  adiabatic  temperature 
rise,  P  is  the  fraction  of  mechanical  work  converted  into 
heat  (i.e.  Taylor-Quinney  factor  [58]),  usually  taken  to  be 
0.9  for  Kolsky  bar  experiments,  p  is  the  mass  density 
(8.9gcm“^  for  Cu),  is  the  specific  heat  (24.43  JK“^ 
mol“^  for  Cu),  a  is  the  flow  stress,  and  s/is  the  final  strain. 
For  example,  for  Cu-lOTa-700  °C,  a  final  strain  of  0.3 
results  in  a  temperature  rise  of  ~110  K.  This  temperature 
rise,  especially  for  Cu,  translates  into  considerable  thermal 
softening  of  the  specimen.  We  believe  that  this  simple 
estimation  explains  in  part  the  difference  between  the 
quasi-static  and  dynamic  flow  behaviors.  That  is,  under 
quasi-static  uniaxial  compression,  the  samples  still  exhibit 
some  strain  hardening,  whereas  under  dynamic  compres¬ 
sion,  strain  hardening  has  been  outpaced  by  (adiabatic) 
thermal  softening  within  the  sample. 

3.2.3.  Shear  punch  testing 

Fig.  7  shows  the  representative  SPT  curves  for  all  of  the 
FCAE-consolidated  Cu-Ta  samples,  and  Table  2  summa¬ 
rizes  the  yield  and  ultimate  strengths  obtained  from  the 
SPT  curves,  as  well  as  those  properties  measured  in  com¬ 
pression.  At  relatively  low  strain  rates,  the  SPT  data  fol¬ 
lows  the  relationship  a  =  aispx,  where  a,  tspt  and  a  are 
the  tensile/compressive  strength,  shear  strength  and  a  cor¬ 
relation  factor,  respectively.  In  the  literature,  a  values  have 
been  reported  to  vary  between  1.35  and  1.8,  depending  on 
the  test  setup  parameters  employed.  Earlier  studies 
reported  an  a  value  of  1.71  in  different  metal  and  alloy 
systems  [27].  The  data  presented  in  Table  2  also  indicates 
a  ^-/tspt  ratio  of  ^1.7,  given  a  compressive  yield  strength 
measured  at  a  strain  rate  of  8  x  10“^  s“^  and  the  corre¬ 
sponding  SPT  yield  strength  in  shear.  It  is  noted  that  the 
SPT  data  also  follows  the  compression  test  data 
trends  for  the  Cu-Ta  samples.  The  yield  strengths  of  the 


Strain  /  Normalized  Displacement  (mm/mm) 

Fig.  7.  SPT  curve  results  of  the  three  alloys,  Cu-lTa-700  °C,  Cu-lOTa- 
900  °C  and  Cu-lOTa-700  °C.  The  observed  trends  are  similar  to  those 
obtained  in  compression.  There  is  a  greater  drop  in  shear  stress  for  the 
Cu-lTa-700  °C  sample,  reflecting  the  more  brittle  nature  of  this  specimen. 


Fig.  8.  Type  I  stress  relaxation  test  proflle  performed  on  the  Cu-lTa- 
700  °C  and  Cu-lOTa-900  °C  samples.  In  the  case  of  the  Type  I  relaxation 
test,  the  shear  stress  is  ramped  to  increasingly  higher  levels  (380-440  MPa, 
with  10  MPa  increments)  and  allowed  to  relax  for  a  flxed  time  interval 
(180  s)  at  each  stress. 

Cu-lTa-700  °C  and  Cu-lOTa-900  °C  samples  are  compa¬ 
rable;  the  Cu-lOTa-700  °C  sample  has  the  highest  yield 
and  ultimate  strengths.  Similar  to  the  compression  curves, 
the  Cu-lOTa-900  °C  sample  has  a  higher  degree  of  strain 
hardening  than  the  Cu-lTa-700  °C  sample,  and  the 
Cu-lOTa-700  °C  sample  has  limited  strain  hardening 
within  the  first  couple  per  cent  displacement.  The  behavior 
of  the  latter  could  be  due  to  the  finer  grain  size  compared 
to  the  other  two  samples. 

Both  types  of  stress  relaxation  tests  were  performed  on 
the  ECAE-consolidated  Cu-Ta  samples.  Fig.  8  shows  the 
Type  I  stress  relaxation  test  profile  conducted  on  the 
Cu-lOTa-900  °C  and  Cu-lTa-700  °C  samples.  A  similar 
relaxation  test  was  conducted  on  the  Cu-lOTa-700  °C  sam¬ 
ple,  but  its  brittle  nature  caused  problems  with  the  Type  I 
and  Type  II  relaxation  tests.  Therefore,  no  further  tests 
were  conducted  with  this  sample.^ 

The  activation  volume  can  be  calculated  from  the  resul¬ 
tant  stress  relaxation  data.  The  magnitude  of  the  stress 
drop  in  the  Type  I  stress  relaxation  curve  follows  a  loga¬ 
rithmic  dependence  as  a  function  of  time  [59],  i.e. 

M  =  (4) 

where  At  is  the  shear  stress  decrement  during  the  stress 
relaxation  process  (<0),  Vr  is  the  apparent  activation  vol¬ 
ume,  t  is  the  time  of  stress  relaxation  and  c  is  a  time  con¬ 
stant.  For  Cu,  at  an  ambient  test  temperature  (i.e. 
300  K),  kTjb^  =  247  MPa  [16],  where  b  is  the  Burgers  vec¬ 
tor  of  Cu.  Usually,  in  tensile  or  compression  tests  of  poly- 
crystalline  cubic  metals,  a  Taylor  factor  value  of  ~3.0  is 
used  to  convert  the  normal  yield  stress  to  the  critical 
resolved  shear  stress,  i.e.  a  =  Jt^  [16].  Along  with  the  exper¬ 
imentally  obtained  correlation  of  cr  =  1.7tspt,  h  provides  a 
relationship  between  the  shear  strength  obtained  from  the 


^  See  how  the  data  in  Fig.  8  show  a  drop  in  the  shear  stress  with  respect 
to  time. 


178 


K.A.  Darling  et  al !  Acta  Materialia  76  (2014)  168-185 


shear  punch  test  and  the  critical  resolved  shear  stress, 
^SPT  =  1.764t^.  Rearranging  Eq.  (4)  then  results  in 

ATspr/1.764=-^ln(l+^)  (5) 

The  apparent  activation  volume  values,  obtained 
using  Eq.  (5)  after  each  relaxation  while  increasing  the 
stress  levels  above  the  yield  point,  are  shown  in  Fig.  9 
for  the  ECAE-consolidated  Cu-Ta  samples.  Data  for 
coarse-grained  pure  Cu  is  also  included  in  the  figure  for 
comparison. 

The  data  clearly  indicates  a  difference  in  activation  vol¬ 
ume  between  the  Cu-lTa-700  °C  and  Cu-lOTa-900  °C 
samples.  For  instance,  although  the  yield  strengths  are 
comparable  (within  15  MPa;  see  Table  2),  in  the  very  first 
relaxation,  at  a  stress  level  just  above  the  yield  stress,  the 
relaxation  responses  are  very  different.  This  shows  clear 
evidence  of  reduced  dislocation  activity  with  a  decreased 
grain  size.  After  the  initial  relaxation,  the  decrease  in  the 
activation  volume  in  subsequent  relaxation  tests  (i.e.  higher 
stress  levels)  suggests  that  all  samples  undergo  a  small 
degree  of  strain  hardening. 

The  Type  II  stress  relaxation  tests  were  also  performed 
on  the  ECAE-consolidated  Cu-Ta  samples.  Fig.  10  shows 
an  example  of  the  Type  II  stress  relaxation  tests  conducted 


Time  (s) 

Fig.  10.  Type  II  stress  relaxation  test  performed  on  the  Cu-lOTa-900  °C 
and  Cu-lTa-700  °C  samples.  Unlike  those  of  the  Type  I  stress  relaxation 
conditions  (increasing  stress),  the  shear  stress  in  the  Type  II  test  is  ramped 
to  a  constant  stress  (410  MPa),  then  allowed  to  relax  for  a  fixed  time 
interval  (180  s). 

on  the  Cu-lTa-700  °C  sample;  similar  tests  were  conducted 
on  the  Cu-lOTa-900  °C  sample  as  well.  The  Type  II  stress 
relaxation  tests  are  conducted  with  repeated  relaxations 
after  reloading  back  to  the  initial  stress  value  (but  not 
exceeding  it). 

The  physical  activation  volume  F*  was  obtained  from 
the  relation  [59,60]: 
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Fig.  9.  Apparent  activation  volume  F  as  a  function  of  the  applied  stress 
for  (a)  the  Cu-lTa-700  °C  and  Cu-lOTa-900  °C  samples  and  (b)  the 
coarse-grained  Cu  sample.  The  coarse-grained  Cu  has  a  much  higher 
activation  volume  at  significantly  lower  stresses  as  compared  to  the 
nanocrystalline  Cu-Ta  samples. 


r=— ^in  f;  (6) 

yyfpal  j  V  ^ 

where  is  the  plastic  strain  rate  at  the  end  of  relaxation  j 

and  is  the  rate  at  the  start  of  the  next  relaxation, 

(/+  1);  and  represent  the  corresponding  critical 
resolved  shear  stresses.  The  shear  strain  rate,  7,  at  any  time, 
t,  for  a  given  stress  relaxation  test  can  be  calculated  by 
[30,59]: 


kT  1 
MV  y  t  -\-  C 


(V) 


using  the  values  of  Vy  and  c,  which  were  already  deter¬ 
mined  from  Eq.  (4),  as  well  as  the  combined  machine- 
specimen  modulus  M.  Note  that,  for  determining  F*, 
measuring  M  is  not  required  in  Eq.  (7),  because  the  ratio 
of  the  strain  rates  cancels  out  this  term. 

The  physical  activation  volume  F*  can  now  be  calcu¬ 
lated  for  the  ECAE-consolidated  Cu-Ta  samples.  This 
activation  volume  represents  the  average  volume  of  dislo¬ 
cation  structure  involved  during  deformation,  which  is  a 
real  signature  of  the  underlying  mechanism  responsible 
for  the  plastic  deformation,  with  a  definite  value  and  stress 
dependence  representing  each  atomistic  process. 

Fig.  11  shows  the  F*  values  derived  from  the  Type  II 
stress  relaxation  tests  for  the  Cu-lTa-700  °C  and 
Cu-lOTa-900  °C  samples  as  a  function  of  relaxation  num¬ 
ber/sequence.  For  the  Cu-lTa-700  °C  sample,  F*  is  about 
for  the  Cu-lOTa-900  °C  sample,  F*  is  about  5?>b^ . 
Due  to  its  poor  ductility,  the  Cu-lOTa-700  °C  sample 
was  not  tested.  The  data  from  the  coarse-grained  Cu 
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Fig.  11.  Physical  activation  volume  V*  for  the  Cu-lTa-700  °C  and  Cu- 
lOTa-900  °C  samples.  The  physical  activation  volume  is  relatively  constant 
with  the  number  of  stress  cycles.  The  activation  volumes  for  the  two 
samples  are  similar,  indicating  that  the  deformation  mechanisms  in  the 
samples  are  more  dependent  on  the  Cu  grain  size  than  the  size  distribution 
of  the  Ta  precipitates. 


sample  is  not  shown  here  since  only  one  or  two  relaxations 
would  be  obtainable  prior  to  saturation.  The  Type  II  stress 
relaxation  test  provides  complementary  information  to  the 
more  typical  strain  rate  jump  test.  In  the  latter,  the  physical 
activation  volume  is  obtained  from  differences  in  the 
relaxation  strain  rate  with  increase  in  stress  for  a  fixed 
microstructural  state  and  mobile  dislocation  density.  Note 
that  Fig.  11  indicates  a  relatively  constant  value  for  F*,  i.e. 
the  physical  activation  volume  is  independent  of  the  test 
cycle  number. 

4.  Discussion 

The  synthesis  of  forced  solid-solution  Cu-Ta  alloys  has 
been  shown  to  form  well-dispersed  nanoscale  composite 
structures  as  a  result  of  ECAE  consolidation  at  high  tem¬ 
peratures  [5,9].  Table  2  provides  a  direct  comparison  of 
the  attained  mechanical  properties  of  the  three  alloy  com¬ 
positions  to  those  of  pure  nanocry stalline  Cu  and  Ta  taken 
from  literature.  Most  intriguing  is  that,  for  each  case,  the 
Cu-Ta  alloys  far  exceed  the  properties  of  pure  Cu,  even 
those  with  grain  sizes  much  smaller  than  10  nm.  As  an 
example.  Fig.  12  shows  a  Hall-Petch  plot  of  yield  stress 
as  a  function  of  the  inverse  square-root  of  grain  size  for 
a  number  of  nanocrystalline  Cu  samples  compiled  in  a 
recent  review  of  nanocrystalline  Cu  [61]  along  with  the 
present  nanocrystalline  Cu-Ta  results.  In  this  plot,  the 
as-milled  Cu-Ta  sample  at  6  nm  is  an  estimate  of  the  yield 
stress  based  on  the  Vickers  hardness  [5].  All  four  nanocrys- 
talline  Cu-Ta  samples  deviate  from  the  nanocrystalline  Cu 
results,  which  plateau  at  stresses  on  the  order  of  900  MPa 
for  grain  sizes  below  25  nm.  Certainly,  in  the  case  of  the 
70  nm  grain  size  for  the  Cu-lOTa-700  °C  and  the  as-milled 
Cu-Ta  sample,  there  is  a  significant  increase  in  yield  stress 
over  even  the  smallest  grain  sizes  for  nanocrystalline  Cu. 
This  plot  also  indicates  that  strengthening  due  to  grain  size 


is  not  the  only  predominant  strengthening  mechanism 
operating  in  these  ECAE-consolidated  nanocrystalline 
Cu-Ta  samples. 

The  effect  of  these  small  Ta  additions  clearly  constitutes 
an  increased  level  of  strengthening  in  nanocrystalline  Cu. 
The  mechanical  properties  are  so  impressive  that,  with 
the  addition  of  only  10%  Ta,  they  are  comparable  to  those 
of  nano  structured  pure  Ta  [56]  (Table  2).  It  was  shown  that 
small  changes  in  the  grain  size  induced  by  the  ECAE 
temperature  only  have  a  minimal  effect  on  mechanical 
properties,  but  the  resultant  change  in  the  Ta  particle  size 
significantly  alters  the  strength  of  the  Cu-Ta  alloy.  There¬ 
fore,  in  the  following  section  we  discuss  the  significant 
influence  of  these  Ta  precipitates  on  the  properties  and 
behavior  of  the  consolidated  nanocrystalline  Cu-Ta 
specimens. 

4.1.  Particle  interactions  in  strengthening  of  metals 

Our  study  reveals  that  the  Ta  particle  distribution  and 
morphology  vary  with  composition  and  consolidation  tem¬ 
perature,  which  also  contributes  to  the  material  strength. 
These  particles  are  observed  to  range  in  size  from  small 
(particle  diameter  less  than  10  nm)  to  medium  (particle 
diameter  between  10  and  50  nm)  and  large  (particle  diam¬ 
eter  greater  than  50  nm).  As  such,  the  Ta  particles  dis¬ 
persed  throughout  the  matrix  can  strengthen  the  material 
in  several  ways.  Fine  coherent  particles  can  act  as  barriers 
for  dislocations,  increasing  the  shear  stress  required  for  dis¬ 
location  motion  as  the  dislocations  glide  through  the 
matrix  (and  cut  through  the  particles)  [33].  On  the  one 
hand,  it  is  easier  for  dislocations  to  sweep  through  a  mate¬ 
rial  with  smaller  second  phase  particles.  However,  as  the 
particle  size  increases,  it  becomes  increasingly  more  difficult 
for  dislocations  to  glide  through  the  matrix.  On  the  other 
hand,  these  larger,  more  impenetrable  Ta  particles  can 
force  dislocations  to  move  through  the  lattice  by  only  bow¬ 
ing  between  the  particles,  i.e.  via  the  Or o wan  strengthening 
mechanism.  The  volume  fraction  of  these  larger  particles 
play  an  additional  role  through  a  rule  of  mixtures  harden¬ 
ing,  in  which  the  composite  property  is  a  weighted  average 
of  the  respective  volume  fractions  of  the  two  phases.  Thus, 
for  smaller  particles,  increasing  Ta  particle  size  increases 
the  stress  required  for  dislocation  cutting.  Conversely, 
increasing  the  particle  size  decreases  the  stress  required 
for  dislocation  bowing.  Therefore,  there  is  an  optimal  par¬ 
ticle  size  for  material  strengthening. 

4.2.  Effect  of  Ta  in  strengthening  nanocrystalline  Cu 

There  exists  a  particle  with  a  critical  radius  that  can 
no  longer  be  sheared  through  by  dislocations.  This  dimen¬ 
sion  can  be  found  by  equating  the  shear  stress  required  for 
a  dislocation  cutting  through  the  particle  to  the  shear  stress 
required  for  a  dislocation  bowing  around  it.  An  elegant 
treatment  of  this  problem  by  Friedel  leads  to  the  following 
equation  [62]: 
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Fig.  12.  Hall-Petch  plot  of  pure  copper  (data  was  taken  from  several  sources  compiled  in  a  recently  published  review  article  on  nanocrystalline  copper  [61] 
vs.  data  for  Cu-Ta  alloys).  The  red,  blue  and  black  data  points  correspond  to  the  alloys  discussed  in  the  current  article,  while  the  open  diamond  (6  nm) 
represents  the  expected  yield  as  estimated  by  Vickers  hardness  measurements  reported  in  Ref.  [5].  The  plot  demonstrates  clearly  the  large  degree  of 
strengthening  Ta  imparts  to  the  Cu  matrix  over  and  above  what  is  possible  by  grain  size  alone.  (For  interpretation  of  the  references  to  colour  in  this  figure 
legend,  the  reader  is  referred  to  the  web  version  of  this  article.) 


In  Eq.  (7)  a  is  on  the  order  of  unity  and  y  is  the  interfa¬ 
cial  energy  between  Cu  and  Ta  (a  coherent  interface  is 
assumed).  Applying  this  to  the  Cu-Ta  alloys,  where 
G  =  48  GPa,  b  =  0.255  nm  (Burgers  vector  for  fee  Cu) 
and  7  =  ~100mJm“^  [63],  results  in  a  critical  diameter 
of  ~30  nm.  Thus,  the  large-  to  medium-sized  Ta  particles 
can  be  considered  non-shearable.  It  is  well  known  that,  if 
such  particles  reside  in  the  lattice  of  the  matrix  phase,  dis¬ 
location  loops  would  accumulate  around  these  particles 
upon  loading.  This  is  the  classical  Orowan  strengthening 
mechanism,  where  incoherent  particles  in  the  matrix  force 
dislocations  to  move  around  them,  leaving  behind  disloca¬ 
tion  loops  [33].  However,  this  mechanism  has  a  minimal 
effect  on  increasing  the  yield  point,  though  it  dramatically 
enhances  strain  hardening  through  dislocation  accumula¬ 
tion.  In  the  present  study,  strain  hardening  was  not 
observed  in  the  Cu-Ta  specimens  (i.e.  there  is  minimal,  if 
any,  Orowan  strengthening;  see  Fig.  6),  suggesting  that 
the  impressive  strengths  of  these  nanocrystalline  alloys 
stem  from  grain  size  effects,  rule  of  mixtures  effects  and 
interactions  between  small  Ta  clusters/precipitates  with 
the  surrounding  micro  structure. 

4.2.1.  Strengthening  from  rule  of  mixtures  and  Hall-Petch 
mechanisms 

The  various  strengthening  contributions  can  be  delin¬ 
eated  based  on  the  assumption  that  various  effects  contrib¬ 
ute  additively  to  the  overall  strength  of  the  nanocrystalline 
Cu-Ta  specimens.  For  instance,  the  relative  contributions 
of  each  of  these  strengthening  effects  may  be  computed 
for  the  three  samples  (Cu-lTa-700  °C,  Cu-lOTa-900  °C 


and  Cu-lOTa-700  °C).  While  prior  studies  have  attempted 
to  deconvolute  simultaneously  operating  mechanisms  that 
contribute  to  the  overall  strength  [16],  it  should  be  noted 
that  these  mechanisms  may  interact  with  each  other,  giving 
rise  to  a  much  higher  strengthening  efficiency.  In  the  fol¬ 
lowing  subsections,  quantifying  the  potential  contributions 
of  well-known  strengthening  mechanisms,  such  as  rule  of 
mixtures  and  grain  size  (Hall-Petch)  effects,  may  provide 
further  insight  on  the  relative  strengthening  mechanisms 
that  lead  to  the  unprecedented  strength  of  nanocrystalline 
Cu-Ta  alloys. 

First,  the  rule  of  mixtures  strengthening  effect  was  eval¬ 
uated  for  the  Cu-Ta  samples.  In  the  Cu-Ta  samples 
reported  here,  many  of  the  larger  Ta  particles  reside  at 
grain  boundaries  and  are  comparable  in  diameter  to  the 
matrix  grain  size.  The  exception  is  the  Cu-lOTa-900  °C 
sample,  where  a  small  volume  fraction  of  the  microstruc¬ 
ture  contains  grains  with  diameters  of  >200  nm.  Therefore, 
the  larger  Ta  particles  are  considered  to  contribute  to 
strengthening  through  the  rule  of  mixtures  only,  as  they 
do  not  reside  in  the  Cu  lattice  and  are  large  relative  to 
the  Cu  matrix  grain  size.  Furthermore,  such  precipitates 
should  not  play  a  role  in  defining  the  activation  volume 
either,  since  their  size  and  spacing  are  on  the  order  of  the 
matrix  grain  size.  Additionally,  such  composite  hardening 
has  been  shown  to  only  moderately  contribute  to  increases 
in  strength  compared  to  that  attained  by  the  Hall-Petch 
effect  [16,45-47].  Table  3  lists  the  rule  of  mixtures  strength¬ 
ening  contributions  for  the  Cu-Ta  alloys  herein.  At  most, 
the  rule  of  mixture  strengthening  accounts  for  ~25%  of 
the  experimentally  measured  hardness  values.  In  the  calcu¬ 
lations  of  strengthening  effects  for  Cu-Ta  alloys,  the  global 
Ta  content  is  assumed  to  be  dispersed  as  a  large  composite 
phase  (upper  limit  of  rule  of  mixtures  effect).  Consequently, 
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Table  3 

Strengthening  effects  in  the  ECAE  consolidated  Cu-Ta  alloys. 


Cu  Alloy 

Experimental  hardness  (GPa) 

Strengthening  mechanism  contributions,  GPa  (%  of  total) 

Rule  of  mixtures 

Hall-Petch 

Combined  (ROM  +  H-P) 

Other 

Cu-lTa-700  °C 

2.12 

0.047  (2%) 

0.880  (42%) 

0.927  (44%) 

1.193  (56%) 

Cu-lOTa-900  °C 

2.12 

0.465  (22%) 

0.790  (37%) 

1.255  (59%) 

0.865  (41%) 

Cu-lOTa-700  °C 

3.75 

0.388  (10%) 

1.322  (35%) 

1.710  (46%) 

2.040  (54%) 

the  volume  fractions  for  10%  and  1%  Ta  in  Cu  are  14.5% 
and  1.5%,  respectively.  Furthermore,  a  Ta  particle  hard¬ 
ness  of  4.1  GPa  [56]  is  used  in  these  calculations;  this 
assumes  that  the  Ta  particles  have  a  diameter  of  approxi¬ 
mately  40  nm.  Therefore,  the  maximum  possible  rule  of 
mixtures  hardening  contributions  from  the  Ta  particle 
dispersions  for  Cu-lTa-700  °C,  Cu-lOTa-900  °C  and  Cu- 
lOTa-700  °C  are  0.047,  0.465  and  0.388  GPa,  respectively 
(Table  3). 

Second,  the  grain  size  strengthening  (Hall-Petch  rela¬ 
tionship,  i.e.  was  evaluated  for  the  Cu-Ta  samples. 

The  hardness  of  the  Cu  matrix  phase  is  calculated  based  on 
the  grain  size  d  as  measured  by  TEM  with  a  Hall-Petch 
slope  of  /:  =  0.1 1  MN  For  the  three  samples,  the  cal¬ 
culated  Cu  matrix  grain  sizes  are  168,  213  and  70  nm, 
respectively.  The  corresponding  hardenings  from  the 
Hall-Petch  relationship  are  therefore  0.880,  0.790  and 
1.322  GPa,  respectively.  Table  3  lists  these  values;  note  that 
the  Hall-Petch  strengthening  accounts  for  ^40%  of  the 
experimentally  measured  hardness.  Interestingly,  if  the  rule 
of  mixtures  and  Hall-Petch  effects  are  combined,  the  total 
possible  hardenings  from  Cu  grain  size  and  Ta  particle 
effects  alone  for  Cu-lTa-700  °C,  Cu-lOTa-900  °C  and 
Cu-lOTa-700  °C  are  0.927,  1.255  and  1.710  GPa,  respec¬ 
tively.  Subtracting  these  values  from  the  as-consolidated 
sample  hardness  values  (2.12,  2.12  and  3.75  GPa)  results 
in  differences  of  1.193,  0.865  and  2.040  GPa,  respectively 
(listed  as  “Other”  in  Table  3). 

These  differences  indicate  that  a  significant  residual 
strengthening  effect  remains  unaccounted  for  in  the 
samples,  which  is  on  the  order  of  the  Hall-Petch  and  rule 
of  mixtures  strengthening  contributions  combined.  It  is 
expected  that  this  residual  strengthening  arises  from  small 
Ta  particle  and  cluster  contributions,  which  are  a  very 
efficient  strengthening  mechanism  in  the  nanocrystalline 
Cu-Ta  samples.  Some  authors  have  calculated  Orowan 
strengthening  as  an  additional  strengthening  mechanism; 
however,  this  is  often  a  smaller  effect  than  the  strengthen¬ 
ing  due  to  grain  size  [16].  Once  again,  the  lack  of  matrix 
particle  sizes  required  for  Orowan  strengthening  and  the 
absence  of  observed  strain  hardening  in  the  present  study 
clearly  show  that  Orowan  strengthening  has  a  marginal, 
if  any,  role  in  strengthening  the  reported  nanocrystalline 
Cu-Ta  alloys.  Therefore,  additional  strengthening  to  the 
Cu-Ta  alloys  must  come  from  other  strengthening  sources, 
such  as  grain  boundary  strengthening  from  Ta  solutes 
(Section  4.2.2),  strengthening  from  small-scale  coherent 
Ta  particles  and  clusters  (Section  4.2.3)  and  composite 


effects  related  to  the  interaction  of  Ta  with  other  strength¬ 
ening  mechanisms  (Section  4.2.4). 

4.2.2.  Grain  boundary  strengthening  from  Ta  solutes 

Fig.  4b  and  c  suggests  that  a  bimodal  Ta  particle  size 
distribution  exists  for  Cu-lOTa-900  °C  and  Cu-lOTa- 
700  °C.  As  stated  earlier,  the  majority  of  the  larger  Ta 
particles  (>30  nm)  are  almost  always  observed  at  grain 
boundaries.  It  is  suggested  that  this  dichotomy  exists  due 
to  Ta  GB  diffusion,  which  promotes  continued  growth  of 
Ta  particles.  This  observation  is  consistent  with  other 
reports  of  coarsening,  where  phase  separation  in  immisci¬ 
ble  nanocrystalline  Cu  alloys  is  thought  to  occur  by  GB 
diffusion  of  solute  atoms  [2].  This  scenario  does  not  exist 
in  the  lattice,  where  diffusion  of  Ta  within  Cu  lattice  is  dif¬ 
ficult  even  at  temperatures  nearing  the  7%  of  Cu  [9].  Thus, 
in  the  Cu-lOTa-900  °C  and  Cu-lOTa-700  °C  samples,  the 
larger  particles  of  the  bimodal  distribution  exist  on  or  near 
GBs  and  therefore  do  not  hinder  dislocation  motion  signif¬ 
icantly.  Recently,  the  GB  engineering  concept  due  to  the 
presence  of  select  solutes  within  the  GBs  has  been  used 
to  explain  the  dramatically  increased  strength  levels 
observed  in  nanocrystalline  metals  [8].  Seah’s  analysis  of 
constituent  elements  that  could  cause  GB  decohesion 
(and  cohesion)  suggests  this  same  argument  [64].  Though 
Seah  studied  the  effects  in  conventional,  coarse-grained 
alloys,  such  cohesive  effects  should  be  amplified  in  nano¬ 
crystalline  alloys,  where  a  much  larger  volume  fraction  of 
GBs  exists.  That  is,  Ta  at  Cu  GBs  acts  as  a  potent  agent 
for  increasing  GB  cohesion.  Alternatively,  GB  activities 
such  as  grain  boundary  sliding  have  been  proposed  for 
the  plastic  deformation  of  nanocrystalline  Cu  [65];  the  pres¬ 
ence  of  these  Ta  particles  at  GBs  will  naturally  increase  the 
barrier  strength  for  such  GB  activities.  As  a  consequence, 
the  strength  of  the  composite  material  is  expected  to  signif¬ 
icantly  increase. 

4.2.3.  Strengthening  from  small-scale  Ta  particles  and 
clusters 

Small  or  coherent  particles  are  known  to  dramatically 
increase  the  yield  stress  of  materials.  However,  upon  reach¬ 
ing  and  exceeding  the  yield  stress,  these  small  barriers  are 
eventually  passed  or  sheared  through  via  a  mechanism  sim¬ 
ilar  to  that  which  shears  Guinier-Preston  zones  [33].  It  was 
shown  in  the  prior  analysis  that  all  Ta  particles  dispersed 
within  the  Cu  matrix  are  sufficiently  fine  that  they  can  be 
considered  shearable.  This  type  of  hardening  mechanism 
has  a  minimal  impact  on  strain  hardening  and  can  result 
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in  a  decline  in  yield  stress  after  dislocations  shear  through 
such  fine  particles  [33].  Once  sheared,  the  dislocations 
break  away  and  move  relatively  freely  through  the  rest  of 
the  lattice  until  the  next  strong  barrier  is  reached.  Some 
recent  experiments  have  shown  that  annealing  ion-plated 
nanocrystalline  Cu-Ta  thin  films  at  temperatures  as  high 
as  900  °C  results  in  the  as-fabricated  solid  solution  decom¬ 
posing  into  a  fine  dispersion  of  Ta  particles  [66].  A  large 
fraction  of  these  particles  with  a  size  range  below  8  nm 
retained  a  face-centered  cubic  structure  and  were  coherent 
with  the  Cu  matrix.  The  current  study,  along  with  data 
reported  previously  [5],  indicates  that  such  fine  Ta  precipi¬ 
tates  exist  and  could  account  for  the  majority  of  Ta  dis¬ 
persed  in  the  Cu  matrix. 

While  the  volume  fraction  of  these  small  Ta  particles 
changes  with  both  composition  and  processing  tempera¬ 
ture,  it  ultimately  determines  the  overall  mechanical  prop¬ 
erties  of  the  nanostructured  Cu-Ta  samples.  For  instance, 
when  comparing  the  three  ECAE-consolidated  Cu-Ta 
samples  (Cu-lTa-700  °C  (168  nm  grain  size),  Cu-lOTa- 
900  °C  (213  nm  grain  size)  and  Cu-lOTa-700  °C  (70  nm 
grain  size)),  the  1%  Ta  sample  has  a  lower  volume  fraction 
of  particles.  However,  these  particles  are  all  very  small  rel¬ 
ative  to  those  in  the  10%  Ta  samples.  When  comparing  the 
two  10%  Ta-containing  samples,  the  contribution  to  stress 
from  the  grain  size  difference  alone  (70  vs.  213  nm)  is  only 
~100  MPa  (based  on  pure  nanocry stalline  Cu  [34]).  There¬ 
fore,  there  still  exists  a  large  disparity  in  mechanical  prop¬ 
erties  that  can  only  be  explained  by  the  difference  in  the  Ta 
particle  sizes. 

4.2.4.  Composite  ejfect  of  Ta  on  strengthening  Cu 

Given  the  above  discussion,  the  following  scenario  of 
Cu  strengthening  by  Ta  is  hypothesized.  First,  there  is  a 
significant  volume  fraction  of  small  particles  (typically  less 
than  10-15  nm)  that  are  dispersed  within  the  Cu  matrix. 
These  Ta  particles  may  have  coherent  interfaces  with  the 
Cu  matrix  phase,  depending  on  their  size.  Such  particle  dis¬ 
persions  can  cause  large  increases  in  strength,  but  provide 
little  or  no  strain  hardening,  since  they  would  be  cut  by  dis¬ 
locations  at  yielding.  Second,  there  are  a  number  of  much 
larger  Ta  particles  as  well.  These  only  contribute  to 
strengthening  through  a  rule  of  mixtures  hardening.  Third, 
as  the  ECAE  consolidation  temperature  is  changed,  these 
larger  particles  can  coarsen;  the  Ta  particle  size  increases 
with  increasing  temperature  through  GB  segregation  and 
diffusion  of  Ta  atoms.  It  should  be  noted  that  higher  pro¬ 
cessing  temperatures  will  most  likely  increase  the  Cu  grain 
size  as  well.  Moreover,  at  higher  processing  temperatures 
(e.g.  >900  °C),  this  combination  of  larger  Ta  particle  size 
and  Cu  grain  size  may  elevate  the  level  of  Orowan  strength¬ 
ening.  However,  this  is  not  the  case  at  intermediate  temper¬ 
atures  (^700  °C).  For  instance,  the  Cu-lOTa-700  °C  and 
Cu-lTa-700  °C  samples  have  a  combination  of  smaller 
Cu  grains  and  much  finer  dispersions  of  Ta  particles,  which 
are  easily  cut  through  or  thermally  bypassed,  all  of 
which  are  not  conducive  to  Orowan  strengthening  (i.e. 


accumulating  and  storing  dislocations).  However,  both 
small  grain  size  and  small  particle  size  are  effective  at  dra¬ 
matically  increasing  the  strength  of  the  matrix  to  resist 
deformation,  but  do  not  necessarily  alter  the  dislocation 
mechanism  operating  during  plastic  deformation. 

There  are  a  number  of  challenges  that  make  separating 
and  quantifying  the  various  strengthening  mechanisms  in 
the  present  nanocry  stalline  Cu-Ta  alloys  and  other  binary 
nanocrystalline  systems  difficult.  First,  as  experimental 
processing  parameters  are  varied,  there  is  extensive  cou¬ 
pling  of  the  various  micro  structure  features  that  makes  it 
difficult  to  identify  the  role  of  any  one  strengthening  mech¬ 
anism  in  this  system.  For  instance,  as  has  been  discussed 
previously,  increasing/decreasing  the  ECAE  temperature 
will  not  only  modify  the  size  distribution  and  volume  frac¬ 
tion  of  the  small  of  Ta  precipitates,  but  will  also  modify  the 
size  distribution  and  volume  fraction  of  large  Ta  particles, 
the  amount  of  Ta  that  segregates  to  the  grain  boundaries, 
the  copper  grain  size  and  the  potential  interaction  between 
these  micro  structure  changes.  Furthermore,  these  changes 
in  the  Cu-Ta  microstructure  may  potentially  result  in  mod¬ 
ifying  or  generating  new  strengthening  mechanisms.  For 
example,  the  grain  size  of  the  nanocry  stalline  Cu-Ta  alloys 
is  in  a  regime  where  dislocation  nucleation  from  grain 
boundaries  is  expected  to  be  one  of  the  dominant  mecha¬ 
nisms.  It  is  not  clear  what  effect  Ta  within  the  grain  bound¬ 
ary  or  nearby  Ta  clusters  may  have  on  nucleating 
dislocations  or  storing/transmitting  existing  dislocations. 
Also,  the  role  that  dislocation  nucleation  and  interfacial 
dislocations  at  the  interface  between  Cu  grains  and  large 
Ta  particles  play  in  strengthening  nanocrystalline  Cu-Ta 
is  not  known.  Moreover,  the  atomic  size  and  thermal 
expansion  mismatch  between  Cu  and  Ta  may  result  in 
residual  strain  within  the  lattice,  whether  Ta  is  located  as 
small  precipitates  in  the  center  of  grains  or  located  at  the 
boundaries.  In  this  respect,  utilizing  molecular  dynamics 
and  other  simulation  techniques  at  the  nanocrystalline 
grain  scale  level  will  provide  further  insight  into  the  magni¬ 
tude  and  importance  of  the  multiple  potential  strengthen¬ 
ing  effects  that  Ta  plays  in  strengthening  nanocrystalline 
Cu-Ta. 

4.3.  Defining  the  activation  volume  of  nanostructured  Cu-Ta 
alloys 

The  activation  volume  represents  the  average  volume  of 
the  dislocation  event  involved  in  the  plastic  deformation 
process.  As  pointed  out  by  Taylor  [67],  the  physical  image 
of  the  activation  volume  of  plasticity  is  the  average  volume 
swept  by  dislocation  segments  during  a  single  dislocation 
motion  event.  As  such,  it  is  a  fingerprint  of  the  plastic 
deformation  mechanism.  More  importantly,  it  is  directly 
related  to  the  ongoing  deformation  mechanisms,  with  a 
definite  relationship  and  characteristic  stress  dependence 
for  each  dislocation-mediated  process  [33,59].  In  all  three 
Cu-Ta  samples,  most  of  the  small  Ta  precipitates  do  not 
participate  in  the  deformation  process  by  pinning 
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Fig.  13.  Physical  activation  volume  V*  for  the  Cu-lTa-700  °C,  Cu-lOTa- 
900  °C  and  coarse-grained  (CG)  Cu  samples  as  a  function  of  the  grain  size, 
as  well  as  reported  values  for  pure  nanocrystalline  Cu  [51-53].  The 
agreement  with  the  previous  Cu  data  indicates  that  the  deformation 
mechanism  in  the  nanocrystalline  Cu-Ta  samples  is  similar  to  that 
observed  in  nanocrystalline  copper. 

dislocations,  but  instead  are  bypassed  at  yielding.  If  this 
fact  were  true,  the  activation  volume  would  not  be  affected 
by  the  presence  of  small  Ta  particles,  but  would  rather  be 
defined  by  the  Cu  matrix  grain  size.  Displayed  in  Fig.  13 
is  the  measured  physical  activation  volume  ( F*)  of  the  sam¬ 
ples.  The  values  of  the  measured  physical  activation  vol¬ 
ume  are  between  lOb^  and  lOOZ?^.  Included  in  the  graph 
are  data  for  coarse-grained  and  nanocrystalline  Cu  with 
various  grain  sizes.  Typically,  values  of  F*  less  than  lOZ?^ 
are  associated  with  GB  activities  such  as  sliding  and  rota¬ 
tion,  whereas  values  of  F*  greater  than  10/?^  but  less  than 
r^SOb^  are  usually  believed  to  be  associated  with  GB  activ¬ 
ities  combined  with  partial  dislocation  activities,  such  as 
the  emission  of  partial  dislocations  from  a  GB,  and  are 
absorbed  at  the  opposite  end  of  the  GB.  Larger  values  of 
F*  are  commonly  ascribed  to  dislocations  cutting  through 
forest  dislocations  as  the  rate-limiting  mechanisms 
[31,60].  The  transition  from  one  distinctly  different 
mechanism  to  another  is  still  a  subject  of  research;  how¬ 
ever,  dislocation  cross  slip  has  been  proposed  as  a  possible 
mechanism.  The  activation  volumes  reported  agree  with 
the  expected  trends  of  grain  size  and  activation  volume 
obtained  from  the  literature  [29],  despite  the  large  fraction 
of  Ta  particles  they  possess. 

As  noted  earlier,  the  activation  volume  and  the  strain- 
rate  sensitivity  are  interrelated  (Eq.  (2)),  which  is  an  addi¬ 
tional  parameter  important  in  determining  the  constitutive 
response  of  nanocrystalline  metals  [31].  Fig.  14  displays  the 
strain-rate  sensitivity  for  all  three  samples  as  measured  by 
nanoindentation.  It  should  be  noted  that  both  the  strain 
rate  and  the  hardness  values  are  plotted  on  a  logarithmic 
scale,  assuming  a  power  law  strain-rate  dependence.  Thus, 
the  slope  of  each  curve  is  the  strain-rate  sensitivity  of  the 
respective  specimen,  i.e.  m  =  din H/ dins.  The  measured 
nanohardness  values  are  slightly  elevated  compared  to 
measurements  made  by  conventional  Vickers  microhard¬ 
ness  testing.  However,  all  three  samples  show  a  linear 


Strain  Rate  (1/s) 


Fig.  14.  Strain-rate  sensitivity  for  the  Cu-lTa-700  °C,  Cu-lOTa-900  °C 
and  Cu-lOTa-700  °C  samples  based  on  nanoindentation  measurements. 
The  data  for  the  Cu-Ta  samples  is  consistent  with  the  strain  rate 
sensitivities  of  other  reported  CG  and  nanocrystalline  Cu  values. 
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Fig.  15.  Strain-rate  sensitivity  of  various  Cu  samples  as  a  function  of 
grain  size  (taken  from  Ref.  [31]),  with  the  strain  rate  sensitivities  of  the 
Cu-lTa-700  °C  (blue),  Cu-lOTa-900  °C  (red)  and  Cu-lOTa-700  °C 
(black)  samples  overlaid  on  the  graph.  The  strain-rate  sensitivities  are  in 
good  agreement  with  the  trend  line  based  on  other  reported  copper 
samples.  The  author  names  and  listed  references  in  the  legend  refer  to  the 
original  source  document  [31].  (For  interpretation  of  the  references  to 
colour  in  this  figure  legend,  the  reader  is  referred  to  the  web  version  of  this 
article.) 


response  with  increasing  strain  rate,  with  similar  slopes. 
For  comparison,  the  strain-rate  sensitivity,  m,  of  high-pur- 
ity,  well-annealed,  coarse-grained  Cu  is  ~0.004  [68,69];  for 
nanocrystalline  Cu  with  a  grain  size  of  less  than  30  nm,  m 
has  a  value  of  ~0.04  [32,70].  A  value  of  0.036  for  m  is 
reported  by  Lu  et  al.  for  electrodeposited  nanocrystalline 
Cu  (grain  size  ~28  nm)  [70].  Additionally,  data  in  Fig.  15 
demonstrate  that  the  measured  strain-rate  sensitivity  values 
for  the  Cu-Ta  alloys  agree  with  those  of  pure  Cu  as  a  func¬ 
tion  of  Cu  grain  size.  This  further  supports  the  claim  that 
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the  dominant  dislocation-mediated  deformation  mecha¬ 
nism  in  the  Cu-Ta  samples  is  primarily  dependent  on  the 
Cu  matrix  grain  size  and  the  Ta  precipitates  have  a  negligi¬ 
ble  role. 

As  an  independent  and  more  rigorous  verification  of  our 
SPT  measurements,  the  activation  volumes  are  also  calcu¬ 
lated  from  the  strain-rate  sensitivity  values.  Using  Eq.  (2) 
and  the  average  measured  hardness  value  of  each  sample, 
the  activation  volumes  for  the  Cu-lTa-700  °C,  Cu-lOTa- 
900  °C  and  Cu-lOTa-700  °C  samples  are  I9.5b^,  23Jb^ 
and  15.8Z?^,  respectively.  At  first  glance,  these  values  of  acti¬ 
vation  volume  appear  lower  than  those  obtained  in  the 
shear  punch  relaxation  tests.  However,  the  hardness  values 
for  the  Cu-Ta  alloys  are  significantly  higher  (by  a  factor  of 
^2)  than  for  pure  Cu  of  similar  grain  sizes.  This  hardness 
increase  is  attributed  to  the  Ta  particles,  which  are  cut  or 
bypassed  at  yielding.  Since  the  activation  volume  is  a 
measurement  of  plastic  deformation  processes,  the  Ta  par¬ 
ticles  should  not  influence  the  magnitude  of  the  activation 
volume  itself.  Therefore,  using  the  expected  hardness  for 
the  Cu  matrix  based  on  the  Hall-Petch  effect  alone 

1.0- 1.3  5  GPa;  see  Table  2)  gives  activation  volumes  of 
52.Sb^,  64.0b^  and  45. which  are  much  closer  to  those 
measured  by  the  shear  punch  relaxation  tests.  Regardless 
of  the  excellent  agreement  between  the  experimentally 
and  analytically  determined  activation  volumes,  which 
suggest  a  dislocation-mediated  deformation  process,  fur¬ 
ther  research  is  necessary  to  elucidate  the  actual  atomic 
scale  deformation  mechanisms  in  the  bulk  nanocrystalline 
Cu-Ta  samples. 

Lastly,  the  presence  (or  absence)  of  adiabatic  shear 
localization  is  important  for  understanding  and  modeling 
failure  mechanisms  in  high-strength  materials  under 
dynamic  loading  conditions.  Herein,  none  of  the  specimens 
exhibited  adiabatic  shear  localization  despite  their  high 
strength  and  nearly  diminished  strain  hardening.  This 
behavior  is  in  line  with  other  face-centered  cubic  metals 
with  ultrafine-grained  and  nanocrystalline  micro  structures 
[34],  and  is  in  sharp  contrast  to  their  body-centered  cubic 
counterparts,  such  as  W  [71,72],  Fe  [73,74]  and  Ta  [56]. 
This  can  be  understood  in  the  context  used  by  Grady 
[75,76],  who  ascribed  an  intrinsically  high  “shear  band” 
toughness  compared  to  body-centered  cubic  metals  to 
Cu.  Further,  the  stability  maps  of  Joshi  and  Ramesh  [77] 
may  be  used  to  understand  the  difference  between  ultra- 
fine-grained  and  nanocrystalline  metals,  such  as  Cu,  and 
body-centered  cubic  metals.  Alternatively,  the  numerical 
analysis  of  Guo  and  co-workers  [78]  may  be  used,  which 
includes  high  strain  rate  and  thermal  effects.  This  work 
provides  yet  more  evidence  for  the  absence  of  adiabatic 
shear  localization  in  ultrafine-grained  and  nano  structured 
Cu. 

In  summary,  the  ECAE-consolidated  nanocrystalline 
alloys  in  the  present  study  contain  a  variety  of  microstruc¬ 
ture  features  that  result  in  high  levels  of  strengthening,  as 
measured  by  quasistatic,  dynamic  and  shear  testing 
techniques.  The  activation  volumes  suggest  dislocation 


mechanisms  similar  to  conventional  nanocrystalline  Cu. 
However,  the  unaccounted-for  strengthening  beyond 
Hall-Petch  and  rule  of  mixtures  hardening  suggests  that 
Ta  plays  a  commanding  role  in  strengthening  the  nanocrys¬ 
talline  Cu  micro  structure  -  up  to  strength  levels  as  high  as 
some  reports  for  nanocrystalline  Ta.  While  the  present 
experimental  work  details  the  structure  and  mechanical 
properties  of  nanocrystalline  Cu-Ta  alloys,  much 
work  using  experimental  or  simulation  techniques  is  still 
needed  to  definitively  identify  the  absolute  strengthening 
mechanisms. 

5.  Conclusions 

Nonequilibrium  solid  solutions  between  Cu  and  Ta, 
generated  though  high-energy  cryogenic  milling,  decom¬ 
pose  during  ECAE  consolidation,  resulting  in  an  extremely 
stable  bulk  nano  structured  alloy.  The  observed  phase  sep¬ 
aration  is  a  function  of  both  the  processing  temperature 
and  the  Ta  concentration.  The  micro  structural  evolution 
produces  a  wide  range  of  Ta  particle  sizes,  ranging  from 
atomic  clusters  to  much  larger  precipitates.  Ta  particles 
occupying  GB  positions  were  observed  to  be  significantly 
larger  than  particles  trapped  in  the  lattice,  giving  rise  to  a 
bimodal  particle  size  distribution.  This  dichotomy  exists 
due  to  the  differences  in  diffusion  rates  of  Ta  atoms  along 
GBs  and  through  the  Cu  lattice,  which  is  extremely  slow 
even  at  temperatures  near  the  of  Cu. 

Such  a  distribution  of  Ta  particles  lends  itself  to  a  com¬ 
plex  range  of  hardening  mechanisms,  operating  simulta¬ 
neously,  which  significantly  strengthen  the  Cu  matrix.  It 
was  determined  that  small  Ta  cluster/particles  (with  sizes 
of  <30  nm)  contribute  to  the  majority  of  the  observed 
strength  increase  with  a  marginal  increase  related  to  a  rule 
of  mixtures  hardening  by  Ta.  While  the  total  strength  of 
the  alloy  comes  from  both  a  reduced  Cu  matrix  grain  size 
and  a  smaller  Ta  particle  size,  the  combined  strengthening 
observed  from  Ta  can  be  almost  three  times  that  predicted 
by  Hall-Petch  hardening  alone  (see  Fig.  12).  The  plot, 
compiled  from  several  sources  [61],  clearly  shows  that 
Cu-Ta  alloys  deviate  dramatically  from  the  expected 
Hall-Petch  trends  for  pure  Cu.  In  fact,  the  properties 
are  so  extreme  that  they  are  more  akin  to  those  properties 
observed  for  pure  nanocrystalline/ultrafine-grained  Ta. 
While  the  Ta  particle  dispersion  volume  fraction  plays 
an  important  role  in  defining  the  yield  and  ultimate 
strength  values  of  the  Cu  matrix,  it  does  not  alter  the 
activation  volume  compared  to  pure  nanocrystalline  Cu 
with  similar  grain  sizes.  The  measured  activation  volume 
of  about  50b^  is  consistent  with  a  dislocation-mediated 
deformation  mechanism.  The  implication  of  this  result  is 
that  controlled  decomposition  of  a  forced  solid  solution 
between  immiscible  elements  to  produce  a  nanostructured 
material  is  a  highly  effective  way  to  increase  the 
strength  of  a  material  well  above  conventional  means  pro¬ 
vided  by  grain-size  reduction  without  any  significant  loss 
of  ductility. 
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